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Molecular dynamics simulations were performed to study the mechanical
behavior of nanocrystalline copper at room temperature.
The samples are created in a cubic simulation cell by the Voronoi construc-
tion. For high-angle samples without voids, the orientation of each grain is
randomly assigned while for low-angle samples, the grain misorientations are
restricted to be less than 16◦ around the three crystallographic orientations:
< 100 >, < 110 > and < 111 >. For the porous sample, the cracklike voids are
generated by removing all atoms within an oblate ellipsoid and the orientation
of each grain is randomly chosen.
A uniaxial tensile deformation is applied to the samples at 300 K. The simu-
lations of the mechanical deformation of nanocrystalline copper are carried out
using molecular dynamics with the embedded atom method potential and peri-
odic boundary conditions. Radial distribution functions and common neighbor
analysis are used to analyze the local atomic order of samples.
The atomic configuration analysis indicates that the grain boundary sliding
is the main deformation mechanism in the high-angle samples while both dislo-
cation motion and grain boundary activities play an important role in the plastic
deformation for low-angle (textured) samples. Unlike the high-angle samples
in which the grain boundary activities are manifested by grain boundary slid-
ing, the grain boundary activities for the low-angle samples are manifested by
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the breakup, migration of grain boundaries and dislocation gliding within grain
boundaries. It is found the orientation of grains to the tensile direction strongly
affects the mechanical behavior of the textured samples. For the sample with a
2.8 % porosity, the cracklike voids do not propagate along grain boundaries and
most of voids become blunt during deformation. Voids assist the formation of
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Nanocrystalline metals, in which the grain size is in the nanometer range,
often exhibit technologically interesting properties such as ultra-high yield and
fracture strengths, superior wear resistance, and enhanced superplastic forma-
bility at lower temperatures compared to their coarse-grained counterparts [1–6].
Unfortunately, due to the limitation of the available synthesis techniques, fully
dense, impurity-free and bulk nanocrystalline materials are difficult to fabri-
cate. It has been indicated that loading rates, temperatures, porosity and impu-
rities have strong influence on the strength and ductility of nanocrystalline met-
als [7–10]. So far, there are many conflicting experimental results on the strength
and ductility of nanocrystalline metals owing to the different synthesis methods.
For example, numerous experimental data show the normal Hall-Petch relation,
that is, the yield stress of the metals increases with a decrease in grain size even
when the average grain size is decreased down to the nanometer range [7, 11].
However, an inverse Hall-Petch relation is also supported by some experimental
results [12, 13]. The true mechanical behavior of fully dense and impurity-free
nanocrystalline materials is still largely unknown.
Given the extremely rapid increase in processor speed coupled with the de-
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Chapter 1. Introduction
velopment of large massively parallel computing architectures in recent years,
atomic-scale simulations have been able to provide novel insights into reveal-
ing the intrinsic mechanical properties of nanocrystalline materials. Atomic-
sale simulations, particularly, molecular dynamics simulations, can already han-
dle system sizes of up to 108 atoms [14, 15]. These simulations have been used
to explore the interfacial structure and mechanical deformation mechanism of
nanocrystalline materials. These simulation techniques play a critical role in ad-
vancing our understanding of atomic-level deformation mechanisms and struc-
tures, which are often not accessible by experimental routes.
1.2 Introduction to Nanomaterials
Nanomaterials can be classified into nanoparticles and nanocrystalline ma-
terials. Nanoparticles refer to ultrafine dispersive particles with diameters less
than 100 nm. Nanocrystalline materials are polycrystalline solids with grain
sizes of a few nanometers, typically less than 100 nm. Since the grain sizes are
so small, a significant volume of the microstructure in nanocrystalline materials
is composed of interfaces, mainly grain boundaries, i.e., a large volume frac-
tion of atoms lie in grain boundaries. Consequently, nanocrystalline materials
may have mechanical, chemical and physical properties that are largely differ-
ent from, and often improved over, their conventional coarse-grained counter-
parts [1–6, 16, 17].
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This thesis mainly focuses on the simulations of mechanical properties of
nanocrystalline copper on the basis of two reasons. Firstly, there are lots of
experimental data available on the mechanical deformation of nanocrystalline
copper. Secondly, an in-house MD code on copper has already been developed.
1.3 Introduction to the Molecular Dynamics Method
Among the various atomic-level simulation methods developed during past
decades, including lattice statics, lattice dynamics, Monte Carlo and molecular
dynamics (MD), MD is particularly useful for the investigation of plastic de-
formation. Based on the solution of Newton’s equations for a system of atoms
interacting via some prescribed interatomic interaction potential functions, MD
simulations are capable of exposing the real-time behavior during the deforma-
tion.
Besides their atomic-level spatial and temporal resolution, several unique
features of MD simulations particularly contribute to the studies on the defor-
mation mechanisms. One arises from the ability to elucidate the behavior of
a fully characterized, although usually idealized, nanocrystalline model system
in terms of the underlying interfacial structure, driving forces and atomic-level
mechanisms. Another is their ability to deform to rather large plastic strains,
therefore allowing the observation of deformation under very high grain bound-
ary and dislocation densities. This enables the identification of the dislocation
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and grain boundary activities in a regime where they might compete equally,
thus providing atomic-level insights into the underlying mechanisms not avail-
able from experiments.
The transition metals are characterized by the open electronic d-shells which
play an important role for the interatomic interactions. In the case of the noble
and late transition metals (Ni, Pd, Pt, Cu, Ag, Au), this influence is, neverthe-
less, moderate because the d-band is almost or completely full. The interatomic
interactions for these fcc metals are hence reasonably well described with po-
tentials which neglect the angular character of the bonding. Typically differ-
ent potentials of copper have been suggested including the model generalized
pseudopotential theory potentials [18], the simplest effective medium theory po-
tentials [19, 20] as well as embedded atom method (EAM) potentials [21, 22]. We
adopt the EAM potentials in the MD simulations.
1.4 Motivations and Objectives
Grain boundaries which separate grains with different crystallographic ori-
entations play an important role in the mechanical behavior of nanocrystalline
metals. Various grain boundary types are possible in nanocrystalline metals.
The term “low-angle” grain boundary is used if the misalignment is small, usu-
ally less than 16◦ [23]. Otherwise, the term “high-angle” grain boundary is used.
Previous atomistic simulations mainly focused on nanocrystalline metals with
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high-angle grain boundaries [24–27]. In this thesis, we compare the effect of these
two types of grain boundaries on the deformation behavior of nanocrystalline
copper. It is known that the obstacles from high-angle grain boundaries to dis-
location motion are particularly effective, as crystallographic factors do not al-
low the passage of dislocations from one grain to an adjacent one through their
grain boundaries. In addition, the relatively disarrayed atomic structures make
high-angle grain boundaries relatively easy to slide. On the other hand, the ob-
stacles of low-angle boundaries to dislocation motion are much less effective
since dislocations can find a matching Burgers vector in the neighboring grain.
Therefore, the dislocation motion restricted in the high-angle nanocrystalline
metals might become active in the low-angle metals with the same grain size.
Also the relatively ordered atomic structures make low-angle grain boundaries
more difficult to slide. Moreover, dislocations existing in a low-angle grain
boundary may easily dispatch from the boundary and contribute to plastic de-
formation. Thus, it is expected that different deformation behavior arises for
nanocrystalline metals with these two types of grain boundaries.
In this work, we compare the different deformation behavior in high-angle
and low-angle nanocrystalline copper with mean grain sizes ranging from 3.7
to 6.7 nm and examine their deformation mechanisms. In addition, we investi-
gate the effect of the orientation of the texture in the low-angle grain boundary
samples on the plastic behavior of nanocrystalline copper.
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Furthermore, since pores strongly affect the mechanical behavior of
nanocrystalline metals [8, 28], we explore the influence of preexisting voids on
the mechanical properties of nanocrystalline copper. We observe the evolution
of voids located either in grain boundaries or in the grain interior during the
deformation and examine whether voids assist the formation of shear bands,
which are often observed in nanocrystalline metals both in compression and
tension experiments [7, 29, 30].
1.5 Outline
Chapter 1 gives the introduction of this thesis. Chapter 2 reviews the me-
chanical properties and deformation mechanisms of nanocrystalline metals. The
theoretical formulations and modeling methods involved in MD simulations are
presented in Chapter 3. Chapter 4 covers the simulation results and discussions.
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In this chapter, we will primarily review the mechanical properties of
nanocrystalline metals and alloys. Both experimental and computational results
reviewed on this topic mainly deal with materials with the face centered cubic
(fcc) structure. We compare the mechanical behavior of nanocrystalline materi-
als with those of ultrafine crystalline and microcrystalline materials and assess
computational predictions in light of experimental observations, wherever pos-
sible. This chapter is broadly divided into six sections: (1) elastic properties, (2)
yield strength, (3) ductility, (4) strain rate, (5) fracture, and (6) porosity.
2.1 Elastic Properties
Early measurements of the elastic properties of nanocrystalline Pd suggested
that the Young’s modulus was approximately 70% of the value for fully dense,
coarse-grained Pd [1]. The large reduction of Young’s modulus may be attributed
to porosity which is typically present in nanocrystalline materials produced by
gas-phase condensation process [2]. Recently Sanders et al. made effort on syn-
thesizing high-density, high-purity nanocrystalline Cu and Pd with grain sizes
of 10–110 nm and densities of greater than 98% of theoretical value by inert-gas
condensation and warm compaction [3]. They showed that Young’s modulus of
the high quality samples was a 5% lower than that of the coarse-grained samples
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after correction for the remaining porosity.
Schiotz et al. reported the elastic properties of nanocrystalline Cu with the
mean grain sizes ranging between 3.2 and 13.2 nm at 0 K by MD simulations [4].
Compared with the experimental Young’s modulus of coarse-grained Cu which
is 124 GPa at 300 K [5], a significant reduction of the Young’s modulus was seen
in their simulation result (∼100 GPa at 0 K). The low value might be explained
by the presence of a large fraction of the grain boundary atoms, since grain
boundaries are considered elastically softer than the grain interiors of nanocrys-
talline metals [6]. They also indicated that the Young’s modulus of nanocrys-
talline Cu increased with the increase of grain size.
It seems that there is a conflict between the simulation results and experi-
ment data mentioned above. However, it should be noted that grain sizes in the
experiment results are significantly larger than those in the simulations. The
reduction of Young’s modulus extracted from the simulations is difficult to be
detected experimentally due to the difficulty to produce the sample with such a
small grain size and the limitation of measurement techniques.
2.2 Yield Strength
Conventional polycrystalline metals and alloys show an increase in yield
strength, flow strength and hardness with decreasing grain size. For a range of
materials, the increase in yield stress is inversely proportional to the square root
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of the grain size, and the other quantities follow a similar relationship. This rela-
tion, known as the Hall-Petch relation, is well established experimentally from
millimeter-sized grains down to the submicron regime and has led to sugges-
tions of nanocrystalline metals as candidates for high strength materials. Yield
strength and hardness have been found to follow the Hall-Petch relation with the
grain size down to 15 nm [7–11]. The underlying mechanism for the Hall-Petch
relation is that dislocation-dominated mechanisms such as dislocation pile-ups
at the grain boundaries prevail. Furthermore experimental results [8, 12–15] sug-
gest that below a certain grain size of around 10 nm, strength decreases with
further reduction of grain size (the so-called “inverse Hall-Petch” relation). It is
believed that grain boundary sliding and/or Coble creep are the main deforma-
tion mechanisms in this grain size regime [8, 15], since dislocation sources within
the small grains can hardly exist and the small grains can not sustain dislocation
pile-ups. However, the operation of these processes is not directly certified by
published experimental results.
The inverse Hall-Petch relation seems to depend on the sample preparation
procedures and the sample thermal history. Samples made by inert-gas con-
densation and high-pressure torsion may contain pores and incomplete bond-
ings owing to incomplete compaction [16]. Nevertheless, one-step production
synthesis processes like electrodeposition also have the potential for pores and
nanovoids [16]. This porosity may cause a “softening” at the fine grain sizes.
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Moreover, surface defects alone have been shown to be able to decrease the
strength of nanocrystalline metals by a factor of 5 [10, 17]. By the same token,
the thermal history of the samples (after preparation) has been demonstrated to
affect whether the Hall-Petch or the inverse Hall-Petch behavior occurs. Litera-
ture studies suggest that the inverse Hall-Petch behavior is mainly seen when the
grain size is varied by repeated annealing of a single sample, whereas a normal
Hall-Petch relation is seen when as-prepared samples are employed [18].
With the rapid development in computational power, two recent simulation
studies on fully three-dimensional microstructures [19, 20] have been able to cap-
ture the full range of grain sizes over which the crossover from normal to in-
verse Hall-Petch behavior takes place, and thus to elucidate the nature of the
“strongest grain size”, dc, in nanocrystalline fcc metals. In the first of these stud-
ies, Yamakov et al. probed nanocrystalline Al containing four grains in a simu-
lation cell with periodic boundary conditions [19]. This simple setup allowed the
investigation of a range of grain sizes from 7 to 32 nm, i.e., both above and below
dc for Al, and therefore enabled the transition from grain boundary-dominated
processes (for d < dc) to dislocation-dominated processes (for d > dc) to be
directly explored. It was found that the value of dc for Al was about 18 nm.
More importantly, these simulations clearly illustrated for the first time that the
crossover in the mechanical behavior was truly caused by a transition in the
dominant deformation mechanism.
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In the second study, Schiotz and Jacobsen showed the variation of the flow
stress of nanocrystalline Cu with a grain size in the range of 5–50 nm [20]. These
simulations also demonstrated that at a value of dc ∼ 14 nm, a crossover from
the Hall-Petch to the inverse Hall-Petch relation in the flow stress of nanocrys-
talline Cu appeared. As in the study of Yamakov et al., this crossover was
associated with a conversion of the underlying mechanism from dislocation-
mediated plasticity in the coarse-grained materials to grain boundary sliding in
the nanocrystalline regime.
2.3 Ductility
Nanocrystalline materials often exhibit low tensile ductility compared with
their coarse-grained counterparts at room temperature [3, 16, 21, 22], which restrains
their practical usage. The elongation to failure is usually less than a few per cent;
the regime of uniform deformation is even smaller. For instance, the tensile
elongation of inner gas consolidated Cu and Pd metals with grain sizes below
50 nm was quite low, i.e., in the range of 1.6–4.0%, while Cu with a grain size
of 110 nm showed an elongation to failure >8% [3]. Dalla Torre et al. reported
that the plastic strain of commercial electrodeposited Ni samples with a mean
grain size of ∼21 nm was very low and less than 4% [21].
The low ductility is often attributed to plastic instability arising from the
insufficiency of work-hardening mechanism and/or internal flaws and this insta-
– 14 –
Chapter 2. Literature Review
bility manifests itself as either shear bands or via “early” necking [23]. Ebrahimi
et al. confirmed that the low tensile elongation to fracture in electrodeposited
nanocrystalline Cu samples, compared with 100-µm thick cold-rolled micro-
crystalline copper, was a result of early onset of plastic instability which induces
localized deformation [24]. In addition, Jia et al. have shown the emergence of
localized shear bands in the compression test of nanocrystalline Fe at quasi-
static strain rates at room temperature [25]. The formation of shear bands has
also been observed in nanocrystalline Fe-10%Cu alloy in compression and in
tension [26], in nanocrystalline Pd in compression [11] and in nanocrystalline Cu
in tension [27]. Early necking was reported in nanocrystalline electrodeposited
Ni [21] and it was found that the shape of the tensile stress-strain curve and tensile
ductility were influenced by the size of samples.
On the other hand, nanocrystalline metals have been suggested to exhibit
superplasticity at lower homologous temperatures (ratio of the test tempera-
ture to the melting point) and at higher strain rates than their coarse-grained
counterparts. Lu and coworkers reported that electrodeposited nanocrystalline
copper displayed an elongation larger than 5000% upon rolling at room tem-
perature [28]. Yet, a high ductility in rolling or compression is not a real in-
dicator of superplasticity, for neck instability and cavitation are absent during
such deformation. Thus, it is necessary to identify the tensile superplasticity
for nanocrystalline materials at low temperatures and at high strain rates. Ex-
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perimental observations of tensile superplasticity of nanocrystalline materials
at room temperature are very rare. Tensile superplasticity has been reported in
nanocrystalline Pb-62Sn alloy at room temperature possibly owing to its low
melting point [29]. Low temperature and high strain rate tensile superplasticity
has been observed in nanocrystalline Ni, Ni3Al and aluminum alloy (1420Al)
at 470, 450 and 350◦C, respectively [30–33]. The Ni sample was synthesized by
electrodeposition while Ni3Al and 1420 aluminum alloy were made by a severe
plastic deformation process. The mean grain sizes for Ni, Ni3Al and 1420Al al-
loy are 20, 50 and 100 nm, respectively. The observed superplasticity is believed
to be based on the fact that grain-boundary sliding is an important deformation
mechanism, since a large volume fraction of grain boundaries are present in
nanostructured materials.
Swygenhoven and Caro studied the creep of nanocrystalline Ni samples at
temperatures below 120 K by MD simulations [34]. They indicated that the
mechanisms responsible for creep deformation at low temperature were grain
boundary sliding, grain rotation and grain boundary motion.
2.4 Strain Rate
Experimental studies have indicated that the mechanical properties of
nanocrystalline metals exhibit a high strain rate dependence. In an early study,
it was found that electrodeposited nanocrystalline Ni was highly strain rate sen-
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sitive at room temperature [35]. Lu et al. investigated the effect of strain rates
(6 × 10−5 to 1.8 × 103 s−1) on the tensile flow behavior of electrodeposited
nanocrystalline Cu [36]. They showed that a slow increase in the flow stress
(with 1% plastic strain) from 84 to 122 MPa happened when increasing strain
rate. However, the elongation to failure and fracture stress were reported to in-
crease markedly with the increase of strain rate, particularly at a high strain rate
of 1.8×103 s−1. Wang et al. also found that the tensile ductility and the uniform
strains of nanostructured Cu produced by severe plastic deformation increased
with increasing strain rate at cryogenic temperatures [37]. Conversely, the frac-
ture strain of conventional coarse-grained Cu was reported to decrease slightly
at high strain rates [36].
The tensile properties of electrodeposited nanocrystalline Ni have been stud-
ied in considerable detail [21, 35, 38]. Dalla Torre et al. found that the tensile
strength of nanocrystalline Ni samples was ∼ 1388± 61 MPa from 5.5× 10−5
to 5.5× 10−2 s−1, but it increased distinctly to 2500 MPa at a strain rate of 103
s−1. The tensile ductility decreases dramatically with increasing strain rate from
5.5 × 10−5 to 5.5 × 10−2 s−1 [21]. Such a decreasing trend seems to contradict
with the data of Lu et al. [36]and Wang et al. [37] in which the tensile ductility in-
creases markedly with the strain rate. This discrepancy might be caused by the
different composition, processing, and testing technique employed to examine
the rate sensitivity.
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More recently, Schwaiger et al. used both tensile and depth-sensing inden-
tation methods to systematically investigate the fracture behavior and damage
evolution of electrodeposited nanocrystalline Ni (20 nm), ultrafine grained Ni
(100–1000 nm) and microcrystalline Ni (> 1µm) samples [38]. They suggested
that the flow stress of nanocrystalline Ni increased with the increase of stain
rate from the data of the two measurements. This trend was not seen in ultrafine
grained and microcrystalline Ni samples. The positive strain rate dependence
in the flow stress of nanocrystalline Ni was closely associated with the local-
ized plastic deformation in grain boundaries and their adjacent regions. They
named such regions as grain boundary affected zones (GBAZ). Due to the lack
of dislocation sources in nanocrystalline Ni, the grain interior contributed lit-
tle to total plastic deformation. The whole nanocrystalline sample consisted of
plastically softer GBAZ and plastically harder grain interiors. Therefore, the ob-
served strain rate sensitivity was originated from the GBAZ [38]. This view was
based on the MD simulations of Schiotz et al. which indicated the grain bound-
aries were elastically softer than the grain interiors of nanocrystalline metals.
In this case, most of the plastic deformation was caused by the grain boundary
activities. The flow stress also showed a strain rate dependence in the simulation
results of nanocrystalline Cu [4].
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2.5 Fracture
The appearance of dimpled rupture on fracture surfaces of nanocrystalline
fcc metals and the exhibition of low tensile ductility [21, 39–41] have indicated
that the deformation is localized. In addition, the observation of shear bands in
nanocrystalline metals both in compression and tension tests [11, 26, 27] has unam-
biguously illustrated the localized deformation.
As for the dimpled rupture of nanocrystalline metals, it is worth noting that
the dimple size is considerably larger than the average grain size [39, 42]. For
example, it has been reported [39] that a dimple structure at a minimum scale of
about 200 nm is observed in the nanocrystalline Ni produced by electrodepos-
tion method, whereas the average grain size of the sample is only 30 nm.
In the case of an electrodeposited Ni-W alloy with the mean grain size of 10
nm [13], the fracture surfaces obtained in a tensile test still show a dimple-like
feature with an average dimple size of several grain sizes although the mean
dimple diameter is smaller than the above example. It is uncertain whether the
finer of the dimple size is the consequence of W in the alloy or is simply caused
by the reduction of grain size.
In polycrystals, the formation and coalescence of microvoids along the frac-
ture path results in a dimpled rupture which involves a large amount of localized
deformation as manifested by sample necking. The dimple size and shape de-
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pend on the extent of microvoid coalescence and the character of loading but are
not particularly related to the grain size. However, the dimple diameters in the
nanocrystalline metals are significantly larger than the grain sizes. It is implied
that the cooperative grain activity with a larger scale than the grain size occurs.
Large scale MD simulations [43] have demonstrated the emergence of the meso-
scopic shear bands is the consequence of grain boundary sliding and partial
dislocation activity. Moreover, it has been revealed that owing to the presence
of special grain boundaries such as low-angle grain boundaries and twin bound-
aries, which are resistant to sliding, local shear planes can be formed, creating a
cluster of grains embedded in a sliding environment [41]. Thus, a plasticity length
scale on the order of several grain sizes, which corresponds to the dimensions of
the dimple structures observed on the experimental fracture surfaces, emerges.
Due to the short simulation time scale and the applied periodic boundary condi-
tions, fracture can’t be observed in the simulations [41]. The formation of such
a local network of shear planes could result in the formation of nano-cavities
through unaccommodated grain boundary sliding. The unaccommodated grain
boundary sliding eventually leads to the macroscopic fracture that could be ad-
ditionally enhanced by the presence of preexisting voids.
On the other hand, atomistic simulations of crack propagation in nanocrys-
talline Ni with average grain sizes ranging from 5 to 12 nm [44] have illus-
trated pure intergranular fracture, a process that involves the coalescence of
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microvoids formed at the grain boundaries ahead of the crack tip.
In-situ transmission electron microscopy (TEM) studies have begun to con-
firm dislocation activity in the neighborhood of a crack tip during the deforma-
tion of nanocrystalline metals and alloys, which sheds light on the understanding
of the damage evolution process ahead of the crack tip. In the case of electrode-
posited nanocrystalline Ni [39], voids at grain boundaries and triple junctions
ahead of the main crack tip grow with increasing strain.
Kumar et al. provided a model for the damage evolution and fracture of
nanocrystalline metals and alloys [39] based on the observation of dislocation
activity at the crack tip, the nucleation and growth of voids at grain boundaries
and triple junctions in the region ahead of the advancing crack and final dimple-
like fracture surfaces. Dislocations initially are emitted from grain boundaries
in virtue of an applied stress, while intragranular slip combined with unaccom-
modated grain boundary sliding facilitates the formation of voids at the grain
boundaries. It is unnecessary to form such voids at every grain boundary. Triple
junction voids and wedge cracks can also be the consequence of grain boundary
sliding when resulting displacements at the boundary are not accommodated by
diffusion or creep. Individual partially unconstrained ligaments created by the
growth of these voids deform plastically and eventually undergo chisel-point
failure. These grain boundaries and triple junction voids can serve as nucleation
sites for dimples which are considerably larger than the individual grains and
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the brim of these dimples on the fracture surfaces do not necessarily concord
with grain boundaries. Hence, the nanocrystalline Ni shows significant local-
ized plasticity.
2.6 Porosity
The flaws such as pores or even bubbles play a key role in the mechani-
cal properties of the nanocrystalline metals. It is well known that the pores in
samples made by compaction lead to the lack in tensile ductility [3]. The low
Young’s modulus of nanocrystalline Pd and Cu may also be caused by porosity
which often exists in nanocrystalline materials synthesized by inert-gas conden-
sation [2].
It has been found that bubbles filled with hydrogen are typically present
in electrodeposited metals and could act as the sites for the formation of dim-
ples without the need to nucleate other voids during deformation [36, 45]. These
bubbles are located either at grain boundaries or in the grain interior. Fur-
thermore, measurements of sample free volumes [16], using positron annihi-
lation lifetime spectroscopy, have shown that 1–2 nm sized pores together
with smaller nanovoids are present in full dense samples produced by different
methods(inert-gas condensation, electrodeposition and high-pressure torsion).
It indicates that these nanovoids are an intrinsic property of the microstructure
at a grain size in the nanometer regime [16]. The location of these nanovoids is
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unclear, since defects at this size can not be directly observed by TEM. It has
been suggested that they are most likely populated in grain boundaries and triple
junctions, and may finally be filled with residual gases.
Preexisting nano-scale voids along the crack path would inevitably affect the
crack propagation and consequently the failure properties of the nanocrystalline
materials. In-situ tensile tests on DC magnetron sputtered and pulsed laser de-
posited nanocrystalline Ni thin films [46], with an average grain size of 15–20 nm,
unveiled the importance of the preexisting nanovoids. The sputtered thin film
failed in a brittle manner by rapid coalescence of intergranular cracks. However,
the laser deposited one operated in a ductile manner, with failure occurring via
slow ductile crack growth, accompanied by continuous film thinning. The pres-
ence of high porosity at grain boundaries in the sputtered Ni film is believed to
lead to the different failure mechanism.
MD simulations also showed the influence of porosity on the mechanical
behavior of nanocrystalline copper [4]. The voids were generated by remov-
ing selected atoms and it was illustrated that both Young’s modulus and flow
stress decreased with the increase of void fraction. Voids located at grain bound-
aries were found to have the largest effect on the mechanical properties of the
nanocrystalline copper, causing a reduction of 35–40% in the Young’s modulus
and flow stress at a 12.5% porosity.
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2.7 Summary
In short, nanocrystalline materials often show improved mechanical prop-
erties such as ultra-high yield and fracture strengths, and enhanced superplas-
tic formability at lower temperatures compared to their coarse-grained counter-
parts. On the other hand, the poor sample quality resulted from the limitation
of synthesis techniques strongly affects the strength and ductility of nanocrys-
talline materials. MD simulations are a useful tool to explore the mechanical
behavior of nanocrystalline materials and provide novel insights into the struc-
ture and deformation mechanisms of nanocrystalline materials.
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Chapter 3 Modeling Methods
3.1 MD Method
3.1.1 Lagrangian Equations of Motion
MD has been recently used to simulate the instantaneous atomic behavior
of nanocrystalline materials. Normally there are two basic assumptions made in
standard MD simulations [1–4].
Firstly, molecules or atoms are described as a system of interacting material
points, in which the motion of atoms is characterized dynamically with a vec-
tor of instantaneous positions and velocities. The atomic interaction is closely
related to the spatial orientation and distances between separate atoms. This
model is often ascribed to as the soft sphere model, where the softness analo-
gizes the electron clouds of atoms.
Secondly, no mass changes in the system. In other words, the number of
atoms in the system remains the same.
The Lagrangian formulation, addressed in the following, is typically applied
to those MD simulations attempted to analyze the detailed atomic motion, rather
than to acquire averaged (statistical) characteristics [1]. In the latter case, the
– 30 –
Chapter 3. Modeling Methods
Hamiltonian formulation can be alternatively utilized [5, 6]. We only consider
the Lagrangian formulation in our simulations since we are interested in the
particular details of the atomistic processes.
The equation of motion of a system of interacting material points (particles,
atoms), with total s degrees of freedom, can be most typically depicted by way







= 0, α = 1, 2, ..., s. (3.1)
where qα represent the generalized coordinates, that is, the arbitrary observa-
tions that uniquely define spatial positions of the atoms, and the superposed dot
refers to time derivatives. The Lagrangian formulation describes the mechanical
state of a simulated system in terms of generalized coordinates and velocities.
The reference of a Cartesian coordinate system is usually employed in the







= 0, i = 1, 2, ..., N. (3.2)
where ri = (xi, yi, zi) denotes the position vector of atom i; and N is the total
number of simulated atoms, N = s/3 for a three-dimensional system.
The equations of motion (3.2) must not depend on the selection of initial
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time of observation, the origin of the coordinate system, and directions of its
axes because of the homogeneity of time and space and isotropy of space in in-
ertial coordinate systems. Equivalently, it is required that Lagrangian function
cannot specifically depend on time, directions of the position and velocity vec-
tors ri and r˙i, and it can only depend on the absolute value of the velocity vector
r˙i. In addition, Lagrangian function must abide by the Galilean relativity prin-
ciple in order to provide identical equations of motions in all inertial coordinate


















for a system of free, non-interacting, particles. mi is the mass of particle i.
By adding to a particular function of atomic coordinates U to equation (3.3),
the interaction between the particles can be described. Such a function is as-








− U(r1, r2, ..., rN) (3.4)
where the two terms represent the system’s kinetic and potential energies, re-
spectively. The general form of Lagrangian for a conservative system of inter-
acting material points in Cartesian coordinates is then obtained.
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By substituting the Lagrangian equation(3.4) to equation (3.2), the equations
of motion can finally be described in the Newtonian form,
mir¨i = −∂U(r1, r2, ..., rN)
∂ri
≡ Fi, i = 1, 2, ..., N. (3.5)
where Fi is usually referred to as the interatomic force, i.e., the force exerted on
atom i due to specifics of the environment it is exposed to.
3.1.2 Embedded Atom Potential
In MD simulations, the interatomic forces are decided by an appropriate em-
pirical potential energy function. While the accuracy of the potential dictates the
quality of the simulation results, its functional complexity controls the required
computational time. It is necessary to develop a potential for each class of ma-
terial, since the interatomic forces vary depending on whether the material is a
metal (face centered cubic, body centered cubic and hexagonal close packed),
a semiconductor, a ceramic or a glass. Fortunately, potentials have been devel-
oped for limited classes of materials. Here, an embedded atom potential [7] for
copper is adopted in our simulations.
For the embedded atom potential, the total energy of an assembly of atoms
is represented as [7]
Utot = UN + UP (3.6)
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The first term is the energy to embed atom i in a background of an electron
cloud and the second term characterizes the conventional central pair potential.











here rij is the interatomic distance between the atoms i and j. A is a positive
constant. By choosing f(ρ) to be
√
































j(i6=j) φ(rij); V (rij) and φ(rij) are functions of only the inter-
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atomic distance between atoms i and j, and can be obtained by fitting with








Ak(Rk − r)3H(Rk − r) (3.13)
where rk and Rk are chosen knot points such that r1 > r2 > r3 > r4 > r5 > r6
and R1 > R2. H(x) = 0 for x < 0 and H(x) = 1 for x > 0. Thus, r1 and R1
are the cut-off radii of V and φ, respectively. The coefficients a1, ..., a6, A1 and
A2 have been determined by fitting with the experimental data and summarized
in Table 3.1 [8]. When using these coefficients in equations (3.12) and (3.13), V
and φ are in electron volts and r is in units of the lattice parameter.
3.1.3 Limitations of MD simulations
Although MD simulations have been successfully applied to obtain some in-
trinsic mechanical properties of nanocrystalline materials and deepen our under-
standing of the underlying mechanical mechanisms, there are several limitations
inherent to the MD method.
First, relatively small model systems consisting of typically many millions
of atoms are employed in the MD simulations. The simulated properties of sam-
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Table 3.1 Fitted coefficients[8]. The coefficients for V and φ are in electron volts and
values of rk and Rk are in units of the lattice parameter.
coefficient Copper Silver Gold Nickel
a1 29.059214 20.368404 29.059066 29.057085
a2 -140.05681 -102.36075 -153.14779 -76.04625
a3 130.07331 94.31277 148.17881 48.08920
a4 -17.48135 -6.220051 -22.20508 -25.96604
a5 31.82546 31.08088 72.71465 79.15121
a6 71.58749 175.56047 199.26269 Not fitted
R1 1.2247449 1.2247449 1.1180065 1.2247449
R2 1.0000000 1.0000000 0.8660254 1.1180065
A1 9.806694 1.458761 21.930125 60.537985
A2 16.774638 42.946555 284.99631 -80.102414
r1 1.2247449 1.2247449 1.2247449 1.2247449
r2 1.1547054 1.1547054 1.1547054 1.1547054
r3 1.1180065 1.1180065 1.1180065 1.1180065
r4 1.0000000 1.0000000 1.0000000 1.0000000
r5 0.8660254 0.8660254 0.8660254 0.8660254
r6 0.7071068 0.7071068 0.7071068 0.7071068
ples with a small number of atoms may not represent the actual characteristics
of real nanocrystalline materials.
Second, time scales that can be probed using MD are still limited. MD
simulations can handle time scales of up to a few nanoseconds so far. Such a
restricted time scale might exclude certain time-dependent processes. Moreover,
a time step, typically 2∼5 fs, is used. The short time scale leads to a very high
strain rate which is many orders of magnitude higher than that in experiments.
Thus, it is essential that the time scale on which the simulated behavior happens
is far below any critical inherent time scale of the material.
Third, the interatomic potentials used in most MD simulations are of empir-
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ical or semi-empirical origin. Another approach for the determination of inter-
atomic potentials is the ab initio method where the parameters of the potential
energy function can, in theory, be determined by solving Schro¨dinger’s wave
equation. However, it is difficult to solve by this method except for very simple
systems in practice. Compared with the ab initio method, although the empiri-
cal potentials are less accurate, they are more efficiently applied to complicated
systems.
3.2 Simulation Setup
3.2.1 Construction of the Initial Configurations
We create our samples in a cubic simulation cell with a side length of 12.0
nm, filling it with 65, 30 and 11 randomly located seeds, and resulting in average
grain sizes ranging from 3.7 to 6.7 nm. Each sample contains approximately
140,000 atoms. The grains of the nanocrystalline samples are produced by the
Voronoi construction [9], which partitions the cell into small spaces centered
upon the individual seeds in such a way that all points within an individual
space (including the boundary) are closer to that seed than to any other seeds
in the cell. Each grain is filled with atoms in an fcc lattice. For high-angle
samples, the orientation of each grain is randomly assigned while for low-angle
samples, the grain misorientations are restricted to be less than 16◦ around the
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three crystallographic orientations: < 100 >, < 110 > and < 111 >. Then the
atoms which are too close to each other in the grain boundaries are eliminated.
To investigate the effect of voids, a porous sample with 125 grains is created
by the Voronoi construction in a cubic box with a side length of 23.1 nm. The
orientation of each grain is randomly chosen. The cracklike voids are created
by removing all atoms within an oblate ellipsoid with an axis ratio of 3.0. The
total number of atoms in this sample is around 1 million and the average grain
size is 5.8 nm.
3.2.2 Uniaxial Tensile Test
For the samples without voids, they are first annealed under constant pres-
sure at 0 Pa and constant temperature at 300 K for 50∼80 ps , and then a uniaxial
tensile deformation is applied to the samples along the x-direction while the av-
erage normal stresses along the y- and z- directions are kept at approximately
zero at 300 K. After each MD step, the velocity of each atom is rescaled to
maintain a constant total kinetic energy so that the system temperature is kept
constant. The applied strain rate is 4 × 108 s−1. The simulations of the me-
chanical deformation of nanocrystalline copper are carried out using molecular
dynamics with the embedded atom method potential [7] and periodic boundary
conditions. The Verlet method is used in the numerical integration with a time
step of 2 fs.
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For the sample containing voids, the system is first annealed under constant
pressure at 0 Pa and constant temperature at 300 K for 50 ps after the Voronoi
construction to relax the atoms which are too close to each other in the grain
boundaries. Then voids are introduced, followed by another anneal of 50 ps at
300 K. Finally, a uniaxial tensile deformation is applied along the x-direction
with the average normal stresses along the y- and z- directions kept at approxi-
mately zero at 300 K. The applied strain rate is about 5 × 108 s−1 and the time
step is around 5 fs.
The following normalizations are used in the computation: the energy is
normalized as E∗ = E/E0 , the mass as m∗ = m/m0 , and the length as
l∗ = l/l0 , where E0 = 1 eV, the atomic mass of Cu is m0 = 63.549 g/mol,
and the atomic spacing of Cu is l0 = 0.3615 nm. The normalization for other
quantities can be derived: the stress is normalized by σ0 = E0/l30, the force by
F0 = E0/l0, and the time by t0 = l0/
√
m0/E0.
3.2.3 Analysis of Results
While the simulations are carried out, the stress field is regularly computed.
The atomic level stress components associated with an atom, σαβi , can be ob-
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here Ωi represents the atomic volume at the reference state; V ′ and φ′ are the
derivatives of V and φ with respect to the interatomic distance rij , respectively;
and α, β permute from x, y, and z. We perform a uniaxial tensile deformation to
the samples along the x-direction. Here, the strain is the applied strain, which is
defined as (L−L0)/L0, where L0 and L are the lengths of the sample along the
x-direction before and after tensile deformation. By averaging the atomic stress
over the whole system, we can obtain the stress-strain curves.
Radial distribution functions (RDF) and common neighbor analysis
(CNA) [10, 11] are used to analyze the local atomic order of the samples.
Consider an N-particle system with an average number density ρN = N/V .
The RDF, g(r), which is defined as the average number of atoms per volume at
the distance r from a given atom, is derived from the two particle distribution
function, g(2)(r1, r2) [12]. The function g(2)(r1, r2) is given by
g(2)(r1, r2) =
N(N − 1)n(2)(r1, r2)dr1dr2
ρ(r1)dr1ρ(r2)dr2
(3.15)
where n(2)(r1, r2) is the probability density for particle 1 at r1, and paricle 2 at
r2; ρ(r1) and ρ(r2) are the densities at r1 and r2, respectively. Equation(3.15)
denotes the relative probability of two particles 1 and 2 being found simul-
taneously at r1 and r2 and can be applied to an inhomogeneous system, i.e.
ρ(r) 6= ρ. Changing the coordinate system to involve only relative coordinates
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for a homogeneous system, where n(r21) = V n(2)(r21) using
∫
V
ρ(r1)dr1 = N .
If assuming spherical symmetry and using spherical coordinates, then we can
obtain the popular RDF, g(r),
g(r) = n(r)/4piρr2dr (3.17)
where r21 → r and n(r) is the number of particle centres at a distance r± dr/2
from the centre of an arbitrary particle.
To analyze the crystal structure, CNA [11]is used as a decomposition of the
RDF according to the environment of the pairs. The first peak of the RDF refers
to the nearest neighbors. “Bonded” pairs are determined by a specified cut-off
distance rc, where rc is the first minimum of the RDF regarding the first peak
to be at r < rc. Each pair of atoms is systematically classified as follows: a set
of three indices jkl represents the local environment of the pair. The first index
j refers to the number of neighbors common to both atoms. The second index
k represents the number of bonds between the common neighbors. The third
index l is the number of bonds in the longest continuous chain made by the k
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bonds between common neighbors. After the jkl type for each pair is made out,
a RDF for each type of pairs, gjkl(r), can be calculated. Taking the common





Furthermore, the total number of pairs corresponding to each peak in the
RDF, which efficiently denotes the structural feature, can be obtained. The







where αjkl denotes the pairs corresponding to the first peak in the RDF.
The types of pairs are the indicators of type of local order. For example,
four types are represented in a perfect bulk fcc crystal: 211,101,421 and 441, in
the ratios 4:2:2:1. A bulk hcp crystal contains 422 and 331 pairs in addition to
these four, especially with equal numbers of 421 and 422 pairs. We have used
CNA to classify atoms into the following three classes: fcc, hcp, and “other”.
The “other” refers to the atoms that are neither in a local fcc nor in a local hcp
environment and such atoms are mainly located in grain boundaries.
In virtue of the use of CNA, dislocations, grain boundaries and stacking
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faults are visible in the simulations. In the CNA analysis, the following rules
exist [13]: the presence of two consecutive {111} planes of hcp atoms corre-
sponds to an intrinsic stacking fault; the presence of two {111} planes of hcp
atoms separated by one {111} plane of fcc atoms stands for an extrinsic stacking
fault; and a single {111} plane of hcp atoms indicates a twin boundary.
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Chapter 4 Results and Discussions
In this chapter, we compare the different deformation behavior in high-angle
and low-angle nanocrystalline copper with an average grain size in the range of
3.7–6.7 nm and examine their deformation mechanisms. In addition, we inves-
tigate the effect of the orientation of the texture in the low-angle grain bound-
ary samples on the plastic behavior of nanocrystalline copper. Furthermore,
we explore the influence of preexisting voids on the mechanical properties of
nanocrystalline copper with a mean grain size of 5.8 nm. We observe the evo-
lution of voids located either in grain boundaries or in the grain interior during
deformation and examine whether voids assist the formation of shear planes.
4.1 High-angle Nanocrystalline Copper
Grain boundaries play an important role in the mechanical behavior of
nanocrystalline metals. In general terms, high-angle grain boundaries act as
effective obstacles for dislocation motion as crystallographic factors do not al-
low the passage of dislocations from one grain to an adjacent one through their
grain boundaries. In this section, we focus on examining the deformation mech-
anisms for high-angle nanocrystalline copper.
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4.1.1 Young’s Modulus
The stress-strain curves for the three average grain sizes: 3.70 nm, 4.79
nm and 6.70 nm, at 300 K are given in Figure 4.1. Each curve is the average
of four runs at the same average grain size. The simulation system contains
approximately 140,000 atoms and the strain rate is 4× 108 s−1. The stress here
is defined as the stress averaged over all atomic stresses in the simulation cell,
which in turn can be calculated using the atomic potential [1]. The strain is the
applied strain, which is defined as (L−L0)/L0, where L0 and L are the lengths
of the sample along the x-direction before and after tensile deformation. The
slope of the stress-strain curve at the origin is used to calculate the Young’s
modulus of the sample. It is found that the Young’s moduli for the samples with
the mean grain size of 3.70 nm, 4.79 nm and 6.70 nm are 73 GPa, 78 GPa, and 96
GPa, respectively. The experimental Young’s modulus of coarse-grained Cu is
124 GPa at 300 K [2]. It can be seen that the Young’s modulus in our simulation
results is considerably smaller than that of coarse-grained Cu. This might be
due to a large volume fraction of the grain boundary atoms in nanocrystalline
materials, because grain boundaries are regarded elastically softer than the grain
interiors of nanocrystalline metals [3]. Furthermore, it is interesting to note that
the Young’s modulus decreases with a decrease in grain size. This tendency may
also be attributed to the higher fraction of grain boundary atoms in a sample with
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a smaller grain size. Similar results have also been obtained in reference [4].
Figure 4.1 The average stress < σxx > vs. the applied strain at three different grain
sizes of high-angle samples at 300K.
4.1.2 Yield and Flow Stress
It is observed that the overall level of the stress-strain curves is raised by an
increase in grain size, which is in contrast to the normal Hall-Petch relationship.
The yield stress is defined as the intersection of one line, which is parallel to
the linear modulus line at an offset of 0.2% on the strain axis, with the stress-
strain curve. The flow stress can be approximately estimated as the stress which
reaches a plateau in the stress-strain curve following yielding. The values of
yield and flow stresses for samples with different grain sizes are shown in Table
4.1. Figure 4.2 shows the relationship between both the yield stress and flow
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Table 4.1 Yield stress and flow stress for samples with different grain sizes at 300K.




stress and the inverse of the square root of grain size. It can be clearly seen
that both the yield stress and flow stress decrease with a decrease in grain size,
indicating an inverse Hall-Petch relationship.




















Figure 4.2 Variation of the yield stress and flow stress with the reciprocal of the
square root of the average grain size at 300K.
Experimental data [5–9]have also indicated that below a grain size of around
10 nm, strength follows an inverse Hall-Petch relation. It is well known that a
large fraction of atoms (up to 50%) in nanocrystalline materials are grain bound-
ary atoms. Thus, grain boundary-dominated processes rather than dislocation-
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dominated processes are expected to become relevant. At smallest grain sizes,
dislocation sources inside grains can hardly exist and the small grains can not
sustain dislocation pile-ups. Chokshi et al. [8] suggested that the inverse Hall-
Petch relation was caused by enhanced Coble creep, since the creep rate in-
creases with a decrease in grain size. Schiotz et al. [10] showed that at a critical
grain size of 14 nm, a crossover from the Hall-Petch to the inverse Hall-Petch
relation in the flow stress of nanocrystalline Cu appeared. Their simulations
demonstrated that this crossover was associated with a conversion of the un-
derlying mechanism from dislocation-mediated plasticity in the coarse-grained
materials to grain boundary sliding in the nanocrystalline regime.
In our simulations, we found that grain boundary sliding was the dominant
deformation mechanism for the high-angle samples and this resulted in the in-
verse Hall-Petch relation in the nanocrystalline copper.
4.1.3 Structural Changes
Figure 4.3 obtained by the CNA analysis clearly shows the variation of
atomic fractions of fcc, hcp and other components of samples with different
grain sizes at 0% and 12% strain levels. It is seen that the smaller the grain
size, the larger the fraction of grain boundary atoms. For example, the initial
fraction of grain boundary atoms for the sample with an average grain size of
3.70 nm is approximately 47%, which is 21% higher than that of the sample
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with an average grain size of 6.70 nm. It is also seen from Figure 4.3 that after
12% deformation, both the fraction of grain boundary atoms and the fraction of
hcp atoms increase in all samples with different grain sizes. For the sample with
an average grain size of 6.70 nm, the number of grain boundary atoms and the
number of hcp atoms increase by 9% and 7%, respectively, after 12% deforma-
tion. Apparently, a change in the grain boundary atomic fraction indicates grain
boundary activities; meanwhile, a change in the hcp atomic fraction associates
with dislocation activities.























 0%  strain
 12% strain
Figure 4.3 The change in fractions of atoms at different local environments with the
grain size for the initial configuration (0% deformation) and 12% deformation at 300K.
To reveal the deformation processes, the atomic configurations at a cross-
section perpendicular to the y-direction of the sample with a mean grain size
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of 6.70 nm at two strain levels: 0% and 9.6%, are shown in Figures 4.4(a) and
(b), respectively. It should be noted that the fcc, hcp and grain boundary atoms
are grey, red and blue in color, respectively. Before deformation, only a limited
number of hcp clusters are present as can be seen in Figure 4.4(a). However, no
dislocation is observed. After 9.6% deformation, some of the grain boundaries
are thickened and some intrinsic stacking faults, which are the traces left by par-
tial dislocation motion, are formed as shown in Figure 4.4(b). The second partial
dislocations, which may erase the stacking faults left by the first partial disloca-
tions, are not observed in the high-angle samples. At this deformation stage, the
overall dislocation density in the sample is low. Apparently, the low dislocation
density can only contribute a small fraction of the total plastic deformation.
To identify the dominant mechanism for the plastic deformation, the relative
motion of the atoms in the x-direction to the uniform deformation is shown in
Figure 4.4(c). The atoms marked by red move relatively to the right and the
atoms marked by blue move relatively to the left. Apparently, the deformation
mainly concentrates on the grain boundaries, which indicates the plastic defor-
mation is mainly accommodated by grain boundaries. Furthermore, the fact that
the red atoms are present at one side and the blue atoms at the other side of the
grain boundaries suggests that grain boundary sliding is the dominant deforma-
tion mechanism for the high-angle samples. Thus, it is grain boundaries rather
than dislocations that carry out the main plastic deformation. As a consequence,
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Figure 4.4 Atomic pictures of the nanocrystalline copper with a mean grain size of
6.70 nm at different deformation stages. (a) the atomic configuration before deforma-
tion; (b) the atomic configuration at 9.6% deformation; (c) the relative displacement
of the atomic motion in the x-direction with respect to uniform deformation at 9.6%
strain. In (c), the color bar represents the magnitude of displacement.
the normal Hall-Petch relationship breaks down in this grain size range. This
conclusion is consistent with previous studies [4, 11–14].
4.1.4 Strain Rate
Experiments have indicated that the mechanical properties of nanocrys-
talline metals are strain rate sensitive [15, 16]. In our simulations, we investigate
the effect of strain rate on the mechanical properties of nanocrystalline copper
by MD method.
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As can be seen in Figure 4.5, both the yield stress and flow stress increase
with the increase of strain rate. A possible reason is that the system does not
have enough time to relax at a higher strain rate state. Schiotz et al. also in-
dicated that the strength of the nanocrystalline copper exhibited a strain rate
dependence by MD simulations [4]. The stress-strain curves in their simulations
are quite similar with ours. They found a “critical strain rate” being of 1 × 109
s−1. Above this critical strain rate, the properties of the nanocrystalline copper
showed a high strain rate dependence, while below this critical strain rate, the
influence of strain rate on the stress-strain curves is slight. In our simulations,
the strain rate we used is 4× 108 s−1, which is below the critical strain rate. We
can obtain reasonable simulation results under this strain rate.
Figure 4.5 The stress-strain curves of the nanocrystalline copper with an average
grain size of 6.70 nm at different strain rates at 300K.
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4.2 Low-angle Nanocrystalline Copper
It is known that the obstacles of low-angle grain boundaries to dislocation
motion are much less effective than those of high-angle grain boundaries since
dislocations can find a matching Burgers vector in the neighboring grain. On
the other hand, the relatively ordered atomic structures make low-angle grain
boundaries more difficult to slide. Furthermore, dislocations existing in a low-
angle grain boundary may easily dispatch from the boundary and contribute to
plastic deformation. Thus, it is expected that the deformation behavior of low-
angle nanocrystalline metals is different from that of high-angle counterparts.
4.2.1 Young’s Modulus
Figure 4.6 shows the stress-strain curves for the three textured (low-angle)
samples with an average grain size of 6.70 nm at 300 K and each curve is ob-
tained by averaging four cases with the same mean grain size. It is observed
that the level and the shape of the stress-strain curves are strongly dependent on
the orientation of the textured samples. The calculated Young’s moduli for the
< 100 >, < 110 > and < 111 > textured samples are 50 GPa, 150 GPa and
179 GPa, respectively. The difference in Young’s modulus of the samples with
the three different texture orientations is mainly due to the elastic anisotropy of
the copper crystal. The reported E<100>, E<110> and E<111> of single crystal
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copper are 67 GPa, 131 GPa and 192 GPa [17], which are comparable to the
values obtained by the present calculations. The Young’s modulus for the high-
angle sample with an average grain size of 6.70 nm is around 96 GPa, which is
between the values of the < 100 > textured sample and the < 111 > textured
sample. This is attributed to the fact that the high-angle sample is made up of
grains with different orientations including the “softest” < 100 > directions and
the “hardest” < 111 > directions.
Figure 4.6 The stress-strain curves of the < 100 >, < 110 > and < 111 > textured
nanocrystalline copper with an average grain size of 6.70 nm at 300K.
4.2.2 Yield Stress
The yield stresses of the textured samples with an average grain size of 6.70
nm are obtained from the stress-strain curves in Figure 4.6 by offsetting a strain
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of 0.002 on the strain axis and drawing a line parallel to the initial modulus line.
The calculated yield stresses of the < 100 >, < 110 > and < 111 > textured
samples are 0.69 GPa, 1.68 GPa and 1.82 GPa, respectively.
4.2.3 Structural Changes
From Figure 4.6, it is seen that the deformation behavior of the < 110 >
and < 111 > textured samples falls in the same class, while the deformation
behavior of the < 100 > textured samples falls in a different class. Since the
deformation behavior of the < 110 > textured samples is similar to that of
the < 111 > textured samples, here only the results of the < 110 > textured
samples are reported.
4.2.3.1 < 110 > Textured Sample
It is noted that the fluctuation in the stress-strain curve of the < 110 > tex-
tured sample is much larger than that of the high angle counterpart. We examine
atomic configurations at different strain levels of a single case and capture the
detailed changes of the microstructure of the < 110 > textured sample during
the deformation. Figure 4.7 is the stress-strain curve for a single case. Figure
4.8 shows the variation of the fractions of atoms in different local environments
with the applied strain.
Figure 4.9 shows the atomic configurations for the strain levels at 0%, 4.4%
and 9.6%, respectively. It is noted that the low-angle grain boundaries are made
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Figure 4.7 The stress-strain curve of a single case of the < 110 > textured nanocrys-
talline copper with an average grain size of 6.70 nm at 300K.
Figure 4.8 The variation of the fractions of atoms in the fcc, hcp and disordered
environments at various strain levels of the < 110 >, < 100 > textured nanocrystalline
copper with a mean grain size of 6.70 nm at 300K.
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up of discontinuous segments and stacking faults as shown in Figure 4.9(a).
These stacking faults indicate that the grain boundary misfit is partially accom-
modated by dislocation networks [18]. The deformation stage from 0% to 1.4%
strain is characterized with elastic deformation, since we do not observe any dis-
location activities and the fraction of hcp atoms is almost unchanged as shown
in Figure 4.8.
When the applied strain is increased to 4.4%, several dislocations are emitted
from the grain boundaries. This can be clearly seen from Figure 4.9(b) and the
dislocations move mainly within (11-1) and (111) slip planes at this stage. Due
to these dislocation activities, the stress level is reduced somewhat. The large
increase in the number of hcp atoms observed after 3% deformation as shown in
Figure 4.8 is an evidence of the stress relaxation. Due to the ineffective block to
dislocation motion, one dislocation as indicated by the arrow in Figure 4.9(b) is
able to cross the low-angle grain boundary and enter a neighboring grain. This
phenomenon is not observed in our high-angle samples.
With a further increase in strain level to 9.6%, we still observe a large num-
ber of dislocation activities in Figure 4.9(c). It is noted that some stacking faults
in grain 2 shown in Figure 4.9(b) disappear in Figure 4.9(c). This is caused by
the emission of trailing partial dislocation which erases the stacking fault left by
the leading partial dislocation to form a full dislocation. Consequently, a slight
decrease in the number of hcp atoms is observed as shown in Figure 4.8. The
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Figure 4.9 The x-z slices of the < 110 > textured nanocrystalline copper with an
average grain size of 6.70 nm at different strain levels. (a) the atomic configuration at
0% strain; (b) the atomic configuration at 4.4% strain; (c) the atomic configuration at
9.6% strain; (d) the relative displacement of the atomic motion in the x-direction to the
uniform deformation at 9.6% strain. In (d), the arrow indicates the possible dislocation
trace and the color bar represents the magnitude of displacement.
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diagram of the relative atomic displacement reveals the trace of large localized
shear deformation. In Figure 4.9(d), the shear trace marked by the arrow is an
indication of full dislocation motion.
Some simulation results have demonstrated that only partial dislocations are
observed in nanocrystalline copper with grain sizes below 12 nm [4, 11, 19]. How-
ever, full dislocations were observed in the nanocrystalline copper with the grain
size of 49 nm [10]. It seems that the formation of full dislocation is associated
with the grain size. Yamakov et al. have suggested that the ratio of splitting
distance between two partial dislocations to grain size affects the emission of
the trailing partial dislocation [20]. In our low angle samples, the emission of
a trailing partial dislocation is only observed in the large stacking fault plane,
which crosses several grains. Thus, the width of the stacking fault left by the
motion of a leading partial dislocation is beyond the equilibrium splitting dis-
tance between two partial dislocations. Hence, a trailing partial dislocation can
be emitted to form a full dislocation.
As can be seen from Figure 4.7, there are many valleys and peaks in the
stress-strain curve and it is believed that they are associated with dislocation ac-
tivities. For clarification, we examined the sequent atomic configurations in one
valley from 9.4% to 11.0% strain as shown in Figure 4.10. In Figures 4.10(a)-
(c), one stacking fault disappears and some other stacking faults show up at
different strain levels (arrows marking these stacking faults), indicating the mo-
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tion of partial dislocations. There is a dramatic decrease of stress from 9.4% to
10.0% strain in Figure 4.7, which is believed to be a consequence of the motion
of partial dislocations. In Figures 4.10(d)-(f), the atomic configurations remain
almost unchanged from 10.6% to 11.0% strain and the block to dislocation mo-
tion results in an increase of stress as shown in Figure 4.7. The global fractions
of hcp atoms at the strain levels of 10.6% and 11.0% are almost same, which is
another evidence of the suppressed dislocation activities during this deformation
stage.
The amount of plastic deformation caused by dislocations can be approxi-
mated as the product of the Burgers vector projected on the tensile axis multi-
plied by the fraction of swept area in the slip plane. By counting all dislocation
events observed at a total strain of 4.4%, it is estimated that the plastic strain
generated by the dislocations is approximately 1.4%. The elastic strain is esti-
mated to be 1.6% (the elastic strain is calculated based on Hooke’s law). The
remaining 1.4% strain in the total strain must be caused by grain boundary ac-
tivities. It is noted that the contribution to the plastic deformation made by
dislocation motion is still comparable to that made by grain boundary activities
at this stage. The breakup and migration of grain boundaries as shown in Figure
4.9(b) during the deformation should account for the 1.4% strain.
One of the main differences between the < 110 > textured sample and its
high-angle counterpart is the fraction changes in the hcp atoms and grain bound-
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Figure 4.10 The x-z slices of the < 110 > textured nanocrystalline copper with an
average grain size of 6.70 nm at different strain levels. (a) at 9.4% strain; (b) at 9.6%
strain; (c) at 9.8% strain; (d) at 10.6% strain; (e) at 10.8% strain; (f) at 11.0% strain. In
(a)-(c), the arrows indicate mobile partial dislocations.
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ary atoms. The number of the grain boundary atoms in the high-angle sample
with a mean grain size of 6.70 nm increases during the deformation, which indi-
cates the grain boundary activities. However, the number of the grain boundary
atoms in the < 110 > textured counterpart slightly decreases with the increase
of strain. This is related to the microstructure of the low-angle grain boundary.
The low-angle grain boundary is originally made up of dislocation networks [18],
and after the emission of dislocations from the grain boundaries and the reaction
of dislocations within the grain boundaries, the grain boundaries might become
more ordered, causing a decrease of the number of the grain boundary atoms.
At the strain level of 4.4%, the fractions of hcp atoms in the high-angle and the
< 110 > textured samples increase by 1% and 6%, respectively. The large num-
ber of dislocation activities in the < 110 > textured sample at 4.4% strain (Fig-
ure 4.9(c)) and the limited dislocation activities in the high-angle counterpart
even at 9.6% strain (Figure 4.4(b)) explain the different mechanical behavior
for the samples with these two types of grain boundaries.
4.2.3.2 < 100 > Textured Sample
For the < 100 > textured sample, the fraction of hcp atoms only slightly
increases during the early deformation stage as shown in Figure 4.8, which is in
contrast to the cases of the < 110 > and < 111 > textured samples. Partial dis-
locations, which can only give rise to a plastic strain of 0.6%, are visible at the
strain level of 4.4% (Figure 4.11(a) and (b)). Due to the lower Young’s modulus
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in the < 100 > textured sample, its elastic deformation accounts for a larger
portion of the total deformation than the other two textured samples at the same
total strain level. The smaller amount of plastic deformation in the < 100 > tex-
tured sample certainly requires fewer dislocation activities. At this deformation
stage, the elastic strain in the < 100 > textured sample is approximately 2.7%
and grain boundaries must accommodate the rest 1.1% plastic strain. As can be
seen in Figure 4.11(b), the grain boundaries simultaneously migrate and break
up when the applied strain reaches 4.4%. Figure 4.11(c) shows the relative dis-
placement of the atoms at the strain level of 4.4% and it is observed that the
plastic deformation mainly concentrates at grain boundaries and their migration
and breakup contribute to the plastic deformation. It appears that the dislocation
gliding within the grain boundaries themselves as shown in Figures 4.11(b) and
(c) is another way of contributing to plastic deformation.
It is interesting to note that when the strain is larger than 18%, the stress level
starts to level off and then decreases slightly. It is found that the stress relaxation
is associated with dislocation activities and some of them involve full disloca-
tions. Figure 4.11(d) shows no apparent dislocation activities at 19.2% strain,
however, several concentrated shear deformation traces are present in the rela-
tive deformation diagram as shown in Figure 4.11(e). It is found that after the
emission of a leading partial dislocation, a trailing partial dislocation is emitted
from a different location to form a full dislocation during the deformation. As a
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Figure 4.11 The x-z slices of the < 100 > textured nanocrystalline copper with an
average grain size of 6.70 nm at different strain levels. (a) the atomic configuration at
0% strain; (b) the atomic configuration at 4.4% strain; (c) the relative displacement of
the atomic motion in the x-direction to the uniform deformation at 4.4% strain; (d) the
atomic configuration at 19.2% strain; (e) the relative displacement of the atomic motion
in the x-direction to the uniform deformation at 19.2% strain. In (e), the arrows indicate
the possible dislocation traces.
result, no apparent increase in the fraction of hcp atoms is observed as shown in
Figure 4.8. These shear traces marked by the arrows in Figure 4.11(e) imply the
possible traces of full dislocations. Besides, some small gliding events along
the grain boundaries caused by dislocation motion within grain boundaries are
also visible in Figures 4.11(d) and (e).
4.3 Nanocrystalline Copper with Porosity
Pores play a key role in the mechanical properties of nanocrystalline metals.
It is well known that the pores in samples made by compaction lead to the low
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tensile ductility [21]. The low Young’s modulus of nanocrystalline Pd and Cu
may also be caused by porosity which often exists in nanocrystalline materials
synthesized by inert-gas condensation [22]. Here, we explore the effect of pre-
existing voids on the mechanical properties of nanocrystalline copper by MD
simulations.
4.3.1 Stress-Strain Curves
The sample with a 2.8% porosity is created by introducing elliptical voids.
Each void is an oblate ellipsoid with an axis ratio (the ratio of equatorial radius
a to the polar radius c) of 3. It has been reported that the pore size is comparable
to the grain size [23]. In our simulations, the maximum length of the long axis
2a of voids is 4.4 nm and the minimum one is 3 nm.
The stress-strain curves of the samples with and without voids are given in
Figure 4.12. It can be seen that both the Young’s modulus and the flow stress
decrease after introducing voids. Table 4.2 shows the values of Young’s modulus
and flow stress. The voids result in a 14.0% reduction in Young’s modulus
and a 7.3% reduction in flow stress. Experimental measurements also show the
reduction of Young’s modulus and strength of nanocrystalline metals caused by
pores [22, 24].
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Figure 4.12 The stress-strain curves of the nanocrystalline copper with a 2.8% poros-
ity and the nanocrystalline copper without voids at 300K.
Table 4.2 Young’s modulus and flow stress for different samples with an average
grain size of 5.8 nm at 300K.
Sample Young’s modulus (Gpa) Flow stress (Gpa)
sample with a 2.8% porosity 77.0 2.28
sample without voids 89.5 2.46
4.3.2 Structural Changes
4.3.2.1 Effect of the Orientation of Voids
The angle between the long axis of an elliptical void and the tensile direction
can be given in any value. Here, we consider two special cases, that is, the long
axis is oriented either along the tensile direction or perpendicular to it.
As can be seen in Figure 4.13, since the long axis of the void is parallel
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to the tensile direction, the void is inactive and becomes “narrow” after 15.6%
deformation. Some partial dislocation activities are observed around the void
after 15.6% deformation in Figure 4.13(b).
Figure 4.13 A region of the nanocrystalline copper with a 2.8% porosity at different
deformation stages. (a) at 0% strain; (b) at 15.6% strain.
When the long axis of the void is normal to the tensile direction, the volume
of the void obviously grows bigger, particularly with the increase in the dimen-
sion of the void along the tensile direction after 15.6% deformation as shown in
Figure 4.14. This may be the most dangerous case in terms of the orientation of
voids. After 15.6% deformation, several stacking faults connecting the void and
grain boundaries are seen in Figure 4.14(b). Although the void is arranged in
such a dangerous situation, the void becomes blunt after deformation, indicating
a ductile failure mode.
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Figure 4.14 A region of the nanocrystalline copper with a 2.8% porosity at different
deformation stages. (a) at 0% strain; (b) at 15.6% strain.
4.3.2.2 Formation of Shear Planes
Figure 4.15 demonstrates the formation of a shear plane (shear plane 1) in
the sample with a 2.8% porosity. Initially, the sample is free of dislocations and
only some hcp clusters in the grain boundaries are observed as shown in Figure
4.15(a). Void A is located near a TJ region. An intragranular slip caused by
a partial dislocation in grain 26 after 16.8% deformation can be seen in Figure
4.15(b). It is found that this partial dislocation is emitted from the lower tip
of void A; subsequently, a slide between grain 43 and grain 74 occurs to form
shear plane 1.
To visualize shear planes, the relative motion of the atoms in the x-direction
(tensile direction) to the uniform deformation is shown in Figure 4.15(c). The
atoms marked by red move relatively to the right and the atoms marked by blue
move relatively to the left. The change of color in the two sides of one shear
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Figure 4.15 A region of the nanocrystalline copper at different deformation stages.
(a) the atomic configuration of the sample with a 2.8% porosity at 0% strain; (b) the
atomic configuration of the sample with a 2.8% porosity at 16.8% strain; (c) the relative
displacement of the atomic motion in the x-direction to the uniform deformation of the
sample with a 2.8% porosity at 16.8% strain; (d) the atomic configuration of the sample
without voids at 16.8% strain. In (c), the arrows display shear plane 1.
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plane indicates this cooperative process. It clearly illustrates the formation of
shear plane 1.
In order to reveal the role of voids, the atomic configuration of the sample
without voids after 16.8% deformation is displayed in Figure 4.15(d). It can be
seen that no slip plane goes through grain 26.
Figure 4.16 shows the formation of shear plane 2 in the porous sample. The
initial atomic configuration is displayed in Figure 4.16(a). After 15.6% defor-
mation, an increment of the volumes of voids B and C is seen from Figure
4.16(b). Figure 4.16(c) shows the relative atomic displacement in the x-direction
at 15.6% strain. It can be seen that the formation of shear plane 2 involves the
relative motions of grain 37 to grain 112 and grain 39 to grain 111. As shown in
Figure 4.16(d), we do not observe such relative motions and there is no align-
ment of grain boundaries of grains 37 and 112 and grains 39 and 111 to form a
shear plane in the void-free sample.
It is known that for the metallic glasses, a local dilatancy assists the forma-
tion of a shear band and a greater local free volume catalyzes further propagation
of the shear band [17]. The void present in the nanocrystalline Cu might be the
analog of the free volume in the metallic glasses. As shown in Figure 4.16(b),
the volumes of voids B and C become bigger with the increase of deformation,
which assists the formation of shear plane 2.
Shear planes 3 and 4 as shown in Figure 4.17 are formed in another region of
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Figure 4.16 A region of the nanocrystalline copper at different deformation stages.
(a) the atomic configuration of the sample with a 2.8% porosity at 0% strain; (b) the
atomic configuration of the sample with a 2.8% porosity at 15.6% strain; (c) the relative
displacement of the atomic motion in the x-direction to the uniform deformation of the
sample with a 2.8% porosity at 15.6% strain; (d) the relative displacement of the atomic
motion in the x-direction to the uniform deformation of the sample without voids at
15.6% strain. In (c), the arrows display shear plane 2.
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Figure 4.17 A region of the nanocrystalline copper at different deformation stages.
(a) the atomic configuration of the sample with a 2.8% porosity at 0% strain; (b) the
atomic configuration of the sample with a 2.8% porosity at 13.2% strain; (c) the relative
displacement of the atomic motion in the x-direction to the uniform deformation of the
sample with a 2.8% porosity at 13.2% strain; (d) the relative displacement of the atomic
motion in the x-direction to the uniform deformation of the sample without void at 13.2
% strain. In (c), the arrows display the two shear planes (3 and 4).
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the porous sample. Figures 4.17(a) and (b) are the atomic configurations at the
strain levels of 0% and 13.2%, respectively. Voids D, E, F and G are located at
triple junctions (TJs) and the other two voids are along grain boundaries. From
Figure 4.17(c), we can see that the formation of shear plane 3 is a process that
involves an intragranular slip in grain 70, which is induced by void F, together
with consistent relative motions of grain 20 to grain 15, grain 97 to grain 69 and
grain 50 to grain 72 along their grain boundaries. It is noted that the migration
of the TJ between grains 20, 69 and 97 allows the formation of shear plane 3.
More importantly, as voids D and E release the geometry confinement caused by
TJ, both the alignment of grain boundaries and slides between grains 97 and 69
and between grains 50 and 72 occur more easily to form shear plane 3 as shown
in Figure 4.17(c). There is no such an alignment of grain boundaries to form
a shear plane in the sample without voids in Figure 4.17(d). Circles in Figure
4.17(d) denote the associated TJ regions. As can be seen from Figure 4.17(c),
shear plane 4 is the result of the relative slide of one group of grains (38, 70, 57)
to another group of grains (20, 15, 94).
Figure 4.18 shows the migration of the TJ between grains 20, 69 and 97 in
details. The blue, dark green and light green points are used to indicate atoms in
grains 20, 69 and 97, respectively. Atomic shuffling between the grains can be
observed after 13.2% deformation. Particularly, some atoms of grain 97 enter
into grain 69, which results in the interface between grains 97 and 69 moving
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toward grain 69. It also can be seen that some atoms of grain 97 near the inter-
face between grains 97 and 69 rotate to accommodate the grain boundary sliding
between grains 97 and 69. This kind of TJ migration may ease the formation of
shear plane 3.
Figure 4.18 The triple junction between grains 20, 69 and 97 of the nanocrystalline
copper with a 2.8% porosity at different deformation stages. (a) at 0% strain; (b) at
13.2% strain.
Figure 4.19 shows another section of the porous sample with a different
shear plane (shear plane 5). Initially, the two voids are located along the grain
boundaries of grains 21-45 and grains 49-54, respectively, and separated by
grain 96 as shown in Figure 4.19(a). After 14.4% deformation, it can be seen
from Figure 4.19(b) that the two voids expand and a new grain boundary con-
necting the two voids appears within grain 96. The driving force for grain 96
to split into two grains is associated with the expansion of the two voids. Fig-
ure 4.19(c) shows the relative atomic displacement in the x-direction at 14.4%
strain. It is noted that in the nearby region of shear plane 5, atoms in grain 45
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Figure 4.19 A region of the nanocrystalline copper at different deformation stages.
(a) the atomic configuration of the sample with a 2.8% porosity at 0% strain; (b) the
atomic configuration of the sample with a 2.8% porosity at 14.4% strain; (c) the relative
displacement of the atomic motion in the x-direction to the uniform deformation of the
sample with a 2.8% porosity at 14.4% strain; (d) the atomic configuration of the sample
without voids at 14.4% strain. In (c), the arrows display shear plane 5.
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slide right relative to atoms in grain 21. Similarly, atoms in the new grain (the
right part of grain 96) move right relative to atoms in the other new grain (the
left part of grain 96). Atoms in grain 54 also move right relative to atoms in
grain 49. These synergic motions of several grains cause the formation of shear
plane 5. Apparently, such a shear plane is not observed in the same position of
the void-free sample after 14.4% deformation as shown in Figure 4.19(d).
All the observed shear planes are orientated 30-65◦ away from the tensile
axis, which is consistent with the experimental results in nanocrystalline metals
[25, 26].
4.3.3 Stress Distribution
Figure 4.20 shows the stress(σxx component) distribution of a section in the
porous sample at a late deformation stage. The red represents tensile stress and
the blue represents compressive stress. This section is part of the region shown
in Figure 4.17. It can be seen that the local stress variations in grain boundaries,
made up of adjacent regions of high compression and tension, are significant.
Such stress variations in grain boundaries are expected to produce inhomoge-
neous strain in grain boundaries and create grain boundary activities. The low
compressive stress in the grain interiors may be caused by the thermal vibra-
tion. Certain defect configurations such as dislocations and grain boundaries
may also cause the compressive stress.
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Figure 4.20 The stress (σxx component) distribution of the region shown in Figure
4.17 of the nanocrystalline copper with a 2.8% porosity at different deformation stages.
(color code ranges from red = 20 GPa and blue = -20 GPa ) (a) at 12.0% strain; (b) at
14.4% strain.
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Figure 4.20(a) demonstrates the stress distribution at the state right before
the emission of a partial dislocation from the lower tip of void F. High tensile
stress is seen to build up in the lower tip of void F at 12% strain as indicated
by the circle. After the emission of the partial dislocation, the tensile stress at
the lower tip of void F is somewhat relaxed at 14.4% strain as can be seen from
Figure 4.20(b).
4.4 Summary
In this chapter, we investigated the deformation mechanisms in the high-
angle and low-angle nanocrystalline copper without voids and the effect of pre-
existing voids in the nanocrystalline copper with a 2.8% porosity. It is found that
grain boundary sliding is the dominated deformation mechanism for the high-
angle samples, while both dislocation motion and grain boundary activities play
an important role during the plastic deformation for low-angle samples. For the
porous sample, the cracklike voids do not propagate along grain boundaries and
the preexisting voids assist the formation of shear planes in some situations.
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5.1 Conclusions
Molecular dynamics simulations and analysis using radial distribution func-
tions and common neighbor analysis were used to study the mechanical behav-
ior of nanocrystalline copper at room temperature.
For high-angle nanocrystalline copper without voids, both the yield stress
and the flow stress of samples with an average grain size in the range of 3.70–
6.70 nm decrease with a decrease in grain size, indicating an inverse Hall-Petch
relationship. Grain boundary sliding is the dominant deformation mechanism
with little intragranular dislocation motion. Since the system does not have
enough time to relax at a higher strain rate state, both the yield stress and flow
stress increase with the increase of strain rate.
For the low-angle counterparts, both dislocation motion and grain bound-
ary activities play an important role during the plastic deformation. Due to the
ineffective block to dislocation motion, some dislocations are able to cross the
low-angle grain boundaries and enter neighboring grains, which is not observed
in high-angle samples.
Unlike the high-angle samples in which the grain boundary activities are
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manifested by grain boundary sliding, the grain boundary activities for the low-
angle samples are manifested by the breakup, migration of grain boundaries and
dislocation gliding within grain boundaries. It is found that after a leading par-
tial dislocation moves across grains, a trailing partial dislocation is emitted to
erase the stacking faults left by the leading partial dislocation during the defor-
mation.
The mechanical behavior of the low-angle samples is strongly dependent on
the orientation of grains to the tensile direction. Among the < 100 >, < 110 >
and < 111 > textured samples, the < 111 > textured sample shows the largest
values of Young’s modulus and yield stress, while the < 100 > textured sample
has the smallest corresponding value.
For the nanocrystalline copper with a 2.8% porosity, both the values of
Young’s modulus and the flow stress are smaller than the samples without voids.
Most of elliptical voids become blunt during the deformation and no cracklike
void propagating along grain boundaries is observed.
In the following situations, voids assist the formation of shear planes. 1) The
intragranular slip caused by the motion of a partial dislocation emitted from the
tip of a void extends a shear plane. 2) The voids present in the nanocrystalline
copper might be the analog of the free volume in the metallic glasses where
a greater local free volume catalyzes further propagation of a shear band. 3)
The void located at a TJ releasing the geometry confinement caused by the TJ,
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together with TJ migration and grain rotation, facilitates the alignment of grain
boundaries and the formation of a shear plane. 4) The grain boundary generated
by the splitting of one grain into two grains extends the path for the propagation
of a shear plane.
All the observed shear planes are orientated 30–65◦ away from the tensile
axis, which are close to the maximum resolved shear at 45◦.
There are considerable local stress variations in grain boundaries, which are
made up of adjacent regions of high compression and tension during deforma-
tion. After the emission of a partial dislocation from the tip of a void, the tensile
stress at the tip is somewhat relaxed.
5.2 Future Work
The simulation cell used to investigate the mechanical behavior of high-
angle and low-angle nanocrystalline copper without voids is relatively small.
It has sides length of 12 nm and contains around 140,000 atoms. The strain
rate used in our simulations for all samples is on the order of 108 s−1, which is
relatively higher than that commonly used in experiments. Nonetheless, either
the increase of the simulation cell or the decease of the strain rate will lead to
a dramatic increase of running time, which is beyond the current computing
capacity. Thus, the parallel programming needs to be developed.
It is well known that the grain boundary sliding is an important deforma-
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tion mechanism for nanocrystalline materials. Along with the grain boundary
sliding, the grain rotation always occurs simultaneously to accommodate the de-
formation. We have visualized the grain boundary sliding through the demon-
stration of the relative displacement. However, how to quantitatively describe
the grain rotation is still an unresolved issue.
The samples used in our simulations do not contain any impurities. How-
ever, the experimental samples often contain impurities in unknown concentra-
tions and locations, although the impurities tend to segregate to the grain bound-
aries. Impurities such as oxygen and sulfur which form bonds with metal atoms
usually have a negative effect on the atomic activities such as atom shuffling
in the grain boundaries. Therefore, impurities may hinder the grain boundary
sliding mechanism. The achievement of introducing impurities and simulating
the mechanical behavior of such a sample is an interesting issue.
An area, not yet covered by the simulations of nanocrystalline materials,
is the generation of surface instabilities that result in necking and failure. In
many experiments, it was observed that necking occurred before the failure of
nanocrystalline materials [1, 2]. As the periodic boundary conditions are used in
our simulations, it is difficult to observe necking and fracture. The generation
of free surfaces is another issue that needs to be considered further.
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